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ABSTRACT: We couple morphological studies of binary, immiscible blends with mechanical studies of
deformation and fracture to determine the influence of the blend composition on the initiation and
propagation of cracks in polymeric materials. The Cahn—Hilliard (CH) method is employed to simulate
the structural evolution of the molten AB blend. We assume that the material undergoes a rapid quench
to yield a solid whose microstructure is given by the CH approach. The output from these CH simulations
serves as the input to a dynamic lattice spring model (LSM), a micromechanical model that consists of
a three-dimensional network of springs, which connect regularly spaced mass points. Within the LSM,
the A and B phases, as well as the interfacial regions, are assigned distinct spring constants, thereby
allowing us to model a blend of a compliant and a stiff polymer. With the application of a tensile
deformation, the heterogeneous microstructures give rise to complex local elastic fields. Using an energy-
based fracture criterion, we selectively remove springs from this system and thereby simulate the initiation
and propagation of cracks within the material. By varying the relative stiffness and toughness of the
phases, we determine how these characteristics affect the growth of the cracks. We also consider systems
where the interface between the different species is mechanically weak, and consequently, fracture occurs
through the decohesion of the different polymer domains. In all the systems considered here, we find
that “clustering effects”, which are due to interactions between neighboring domains, play a major role
in dictating where incipient fracture occurs. Through these studies, we can correlate the complex

morphologies within the blend to the mechanical performance of the solid materials.

1. Introduction

An effective and relatively inexpensive way to create
new structural materials is to form blends of already
existing polymers. The overall properties of such blends
can be tailored to exploit the desirable features of the
individual components.! For example, the toughness of
a stiff, brittle polymer can be improved through the
addition of a compliant polymer; the compliant polymer
also becomes stronger and stiffer because of the pres-
ence of the brittle component.? However, most polymer
pairs are immiscible, and the mixtures phase separate
into complex heterogeneous structures. Different struc-
tures are obtained depending upon the relative compo-
sition of the blend. For a binary, immiscible blend, either
one polymer is dispersed within a matrix of the other
or the mixture forms bicontinuous networks, which
percolate across the material.? These complex morphol-
ogies, as well as a disparity between the mechanical
properties of the two phases, can result in complicated
stresses, strains, and fracture phenomena within the
blend. In this study, we use a computational model to
investigate both the deformation and rupture of these
materials and thereby obtain further insight into the
nature of fracture in brittle polymer blends.

To obtain the morphologies of polymer blends for a
range of compositions, we employ the Cahn—Hilliard
(CH) model.#® The CH model is a computationally
efficient method of capturing the diffusive nature of
phase separating fluids. This makes the method ideal
for simulating polymer melts where, due to their high
viscosity, hydrodynamic interactions play a negligible
part in the morphological evolution. The three-dimen-
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sional simulations of polymer blend spinodal decomposi-
tion and domain growth result in spatially heteroge-
neous structures, which can be directly used as the
input to a micromechanical model.

The micromechanical model utilized here is the
dynamic lattice spring model (LSM). The LSM consists
of a lattice network of springs. Through the appropriate
choice of spring constants, the model can accurately
recover continuum elastic behavior.57 The strength of
the LSM approach lies in its ability to simulate complex
heterogeneous systems in a computationally efficient
manner. In particular, the LSM has been shown to
accurately capture the elastic fields that correspond to
Eshelby’s well-known theoretical solutions for the elastic
behavior of inhomogeneous materials’” and has been
used to simulate the deformation of multiparticulate
systems.8719 Furthermore, the LSM has also been used
to simulate the deformation of polymer blends of various
compositions (and thus morphologies).!!

Through the selective removal of springs, the LSM
can be extended to simulate the initiation and propaga-
tion of quasi-static cracks. In this manner, LSMs have
been used to simulate the statistical nature of material
failure'>13 and the failure of particulate composites.1*15
However, to capture the dynamics of elastic waves and
dynamic crack propagation, one must employ a dynamic
LSM. The dynamic LSM consists of regularly spaced
mass points that are connected by a lattice of springs.
These masses represent mesoscopic portions of the solid
material; the springs are connected such that the system
recovers linear elasticity theory (in a manner similar
to the quasi-static LSM). The positions and velocities
of the mass points are obtained through the integration
of Newton’s equation of motion, and in this way, the
model yields the dynamic properties of the elastic
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material. The dynamic LSM has been used to simulate
the deformation and fracture of brittle polymers.!617 In
studies of thin films, the LSM results show good
agreement with experimental findings on the crack
velocity and crack tip branching.!8

Recently, we simulated the dynamic fracture of
polymer blends processed under shear and found that
the anisotropic orientation of the sheared morphologies
led to anisotropic fracture properties.'® However, in the
previous study, differences in the elastic properties of
the two components were not taken into consideration.
It should be noted that polymers are often blended to
enhance the composite stiffness or toughness, for which
an elastic disparity between the two phases is a
requirement. Therefore, here, we consider the deforma-
tion and fracture of polymer blends where one compo-
nent is both stiffer and weaker than the other. We also
assume that the polymers are linear elastic and that
they fail irreversibly via an elastic energy-based fracture
criterion. This restricts our studies to brittle polymers
at a length scale larger than microscopic phenomena,
such as shear yielding and crazing. It should be noted
that atomistic simulations are required to accurately
capture such microscopic phenomena. For example,
Rottler and Robbins use molecular dynamic simulations
to simulate the molecular level processes during craze
nucleation, widening, and eventual breakdown.20:21
However, the largest volume accessible to atomistic
simulations is limited to roughly 100 nm?2. Continuum
models have been used in attempts to simulate regions
of crazing through the inclusion of either locally aniso-
tropic spring networks?223 or special finite elements that
are nonlinear and highly anisotropic.2* Such continuum
models, however, involve a priori assumptions regarding
the location and orientation of the crazes. We, therefore,
limit our study to linear elastic and perfectly brittle
polymers and neglect such microscopic phenomena.

It is worth noting that one can incorporate nonlinear
behavior into the LSM.”? For example, viscoelasticity
can be included by introducing a Kelvin unit, which is
an elastic component that is connected in parallel with
a viscous component. The Kelvin unit lies in series with
each elastic spring. This configuration allows an instan-
taneous elastic deformation to be obtained while en-
abling full recovery of strain upon removal of the applied
stress. In previous quasi-static studies,? we adopted this
approach to contrast the elastic and viscoelastic re-
sponse of particle-filled polymeric composites to a tensile
deformation. In these more complex dynamical studies,
we currently focus on elastic behavior; future studies
will concentrate on developing a dynamic, nonlinear
model for the deformation and fracture of polymer
blends.

It should also be noted that similar morphological
models have been extended to ternary mixtures, where
the third component can compatibilize the binary blend.25
Recently, a lattice Boltzmann method was used to
simulate a ternary mixture where the compatibilizer is
formed reactively in situ.26 It is possible to integrate the
LSM with these morphological studies and thereby
simulate the mechanical bahavior of compatibilized
polymeric systems.

The following section details the computational meth-
ods used in this study. First, we briefly describe the CH
model, which is used to gain structural information
regarding the morphologies of polymer blends. Second,
we describe the dynamic LSM for simulating the

Deformation and Fracture of Polymer Blends 489

deformation and fracture of highly heterogeneous sys-
tems.

2. Methodology

2.1. Morphology Model. We describe the evolution
of an A/B polymer blend through the coarse-grained
Cahn—Hilliard (CH) approach. Here, we consider me-
soscopic length and time scales, where details of mo-
lecular motions can be neglected, implying that a
continuum description is appropriate. The system is
characterized by the order parameter W(r), which is the
difference in concentration between the two components,
W(r) = Op(r) — Op(r), where ®@(r) and dg(r) are the
local volume fractions of components A and B, respec-
tively. The equilibrium order parameter for the A-rich
(B-rich) phase corresponds to W = Weq (—Weq), and here
we take Weq = 1. The evolution of this order parameter
is described by the following equation:*?

W _ s OF
o =MV e (1)

where M is the kinetic coefficient (mobility) of the order
parameter field and & is a noise term. The effects of noise
have been found to accelerate the early time dynamics
but have little effect on the domain growth (and, hence,
the late stage morphologies);2’ therefore, we set this
noise term to zero in this study.

The total free energy is given by F = [Fy, + Fg dr,
where the integration is over the volume of the system.
The local energy term adopted in the current study is
given by

Fy, = ~A log(cosh(W) + 20 @)

making it energetically favorable for either ¥ = W, or
Y = —W,,. The gradient energy term is

Fy= g(wf 3)

which makes the creation of interfaces between A-rich
and B-rich regions energetically unfavorable. The pa-
rameters A and D are material specific.

The cell dynamical systems (CDS) method?829 is used
to discretize and numerically solve the above CH
equation. The employment of CDS (rather than a
conventional finite-difference scheme) significantly re-
duces the computational expense of the simulations and
thus provides a computationally efficient model for the
evolution of polymer melts. The discrete equations are
of the form

Y(r, ¢t + 1) =G[¥(r, )] — IG[¥(r, 1)] — Y(r, D (4)

where a hyperbolic tangent is included in the function
G (although the results are insensitive to this choice of
mapping?):

G[¥(x, t)] = A tanh(W) + D(IW(, ) W(r, t) (5)

In the current simulations, the constants in eq 5 are
fixed at the following values: A = 1.3 and D = 0.5. Our
simulations, therefore, correspond to a deep quence and
a highly immiscible mixture.?® (Note that the time step
in the CDS is assumed to be of order Ax%/M.2829) The
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operator [Ibk[Mindicates an isotropic spatial average over
the neighboring nodes, and [k [+ %] can be considered
as a discrete generalization of the Laplacian. In three
dimensions, the spatial average on a cubic lattice can
be given by

6 3

(M (= —gv* +—

80 80

where NN, NNN, and NNNN represent the nearest,

next-nearest, and next-next-nearest neighbors, respec-
tively.30

The morphologies obtained from the CH model are
assumed to remain unchanged upon quenching to a
temperature below the melt transition temperature.
Below, we detail the model used to probe the mechanical
properties of the resulting polymeric solid.

2.2. Micromechanical Model. We use a dynamic
lattice spring model (LSM) to simulate the deformation
and fracture of the polymer blends. The LSM is a
numerical technique for discretizing linear elasticity
theory and consists of a network of springs that connect
regularly spaced lattice sites or nodes. The energy
associated with the ith node is given by’

1
* + — * (6)
80nAmN

1
E. = Eg(ui —u)M;(u; — u) (7

where the summation is over all nearest- and next-
nearest-neighboring nodes. Here, u; is the displacement
of the ith node from its original position and M;; is a
matrix containing the force constants (stiffnesses) for a
spring connecting nodes i and j. Two different types of
force constants, central and noncentral, are assigned to
each spring. The central force constant energetically
penalizes spring extension, while the noncentral force
constant penalizes the rotation of springs from their
original orientation. The Young’s modulus, E, and
Poisson’s ratio, v, are related to the force constants by
the following equations’

_ 5K(2K + 3C)
T 4K +C

K-C

“Tcrax @

where K and C are the central and noncentral force
constants, respectively.

Because of the harmonic form of the energy in eq 7,
the elastic forces are a linear function of the displace-
ments. The force acting on the ith node, due to the local
displacements of its neighboring nodes, is given by

F,= ZMU'(ui —u) 9
J

To capture the dynamics of this system, we must
integrate Newton’s equation of motion

u

a2 i

M.

1

ou, 10
y (10)

ot

where M; is the mass associated with the ith node. The
Stokes drag term, with coefficient ©, accounts for
dissipation through viscous damping. The most com-
monly used time integration algorithm is the Verlet
algorithm.3! Here, we use the velocity Verlet algorithm32
in order to capture the velocities (necessary for including
viscous damping). The velocity Verlet scheme takes the
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positions, velocities, and accelerations at time ¢ to obtain
the same quantities at time ¢ + At in the following way:

w(t + A = ) + VDAL + Za (AP
Aty 1
vie+ ?) = vi(t) + ZaOAt
F. )
M.

12

a(t+ At) = —

- @vi(t + g)

2

Vit + A = vt + S+ Zate + ApA: (1D)

where v; and a; are the velocity and acceleration,
respectively, of the ith node. The mass and central force
constants are taken to be unity; the noncentral force
constant is set to zero (resulting in a Poisson’s ratio of
1/4). The viscous damping constant, ©, is set to 1/4,
resulting in a material where elastic waves are under-
damped. The above equations allow us to capture the
elastic deformation and dynamic behavior of the mate-
rial.

To introduce material degradation, we selectively
remove springs from the system. A surface is randomly
created, and hence a cluster of springs that cross this
surface are broken, depending upon the energy that
would be released through the creation of this surface.
Clusters of springs are removed in order to create well-
defined surfaces in a more isotropic manner.'® Crack
growth can generally be considered to occur if the energy
required to create a new crack surface can be delivered
by the system.?® Here, we adopt an energy-based
fracture criterion, which penalizes both tension and
shear deformations.3*

To determine which fracture surface is to be created,
a rate of failure p;(¢) of a surface i at time ¢ is introduced

p;&) 0 (12)

(Ei(t) - w,‘)]ﬁ

where E;(¢) is the local energy that is stored in the
springs that across the ith potential fracture surface at
time ¢. The minimum value of elastic energy at which
fracture can occur is w;, referred to as the lower bound
toughness. The modulus g allows for a nonlinear
relationship between damage rate and elastic energy
field. The difference between the energy stored across
the fracture surface and the lower bound toughness
(Ei(t) — w;) is normalized by the lower bound toughness.
Thus, if we make the toughness of the B phase to be
50% the toughness of the A phase, then both phases will
have the same probability of fracture when the elastic
energy stored in the B phase is half that stored in the
A phase. Assuming that the damage is to occur some-
where in the system, the probability of failure, P;(t),
occurring at a given surface i is the rate associated with
surface i relative to the total rate of damage occurring
throughout the material, i.e., Pi(¢) = p;(t)/3 p/(t), where
the sum is over all surfaces.?® A surface is chosen to
fracture from the cumulative probability, and therefore,
selection takes into consideration the correct probability
weightings. The cumulative probability is defined as

¢t =Y P (13)

J=t
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and spans the range from 0 to 1. The average time
interval for this failure event to occur is®®

1

ij(t)
J

This time step is used to update the expressions in eq
11.

To initiate fracture, a constant strain rate is applied
to the sample. An initial time step is introduced, At,
and the strain is initially increased at each iteration
by uAto, where © is the constant strain rate. If the
average time interval for fracture to occur (eq 14) is
smaller than A#, then a surface is created. In particular,
the ith surface chosen to fail is the surface for which
c(t) < RNDIO, 1] < ¢;j+1(¢t), where RNDIO0, 1] is a random
number between 0 and 1. If the value of A¢ from eq 14
is greater than A¢, then At = Aty, and this value is used
to update the applied strain and the dynamic equations
with no fracture occurring. Therefore, the creation of
fracture surfaces depends on the correct probability
weightings (eq 12), and the relaxation of material
surrounding the propagating crack tip takes into con-
sideration the average time interval over which the
crack grows. The material deforms and fractures in this
manner until the crack has propagated the length of
the system and two separate pieces of the material
remain.

We take the morphologies from the CH simulations
and incorporate them directly into the LSM simulations.
Along the boundaries of the simulation box, in the
tensile direction, we add additional regions of pure B
polymer (thickness of 5 lattice sites) where fracture is
prohibited. This ensures cracks do not run off the edge
of the simulation domains. Fracture is initiated in the
heterogeneous central regions, where elastic energy
concentrations are present. In this manner, we can
investigate the effects of the mesoscale morphology on
the ultimate fracture characteristics of the material.

At (14)

3. Results and Discussion

3.1. Morphology: Phase-Separated Polymer
Blends. The system size considered here is L3 = 643,
where L is the length of the cubic simulation box in
lattice sites. The simulations start with a homogeneous
mixture of both A and B species. These species form
individual A and B domains, and the subsequent
domain growth obeys the Lifshitz—Slyozov law, scaling
with time ¢ as t¥/3. Typical late stage morphologies (at
time ¢ = 2000) are shown in Figure 1. Isosurfaces with
a constant order parameter of ¥ = 0, which separate
A-rich from B-rich regions, are depicted in red. For
clarity, the regions where the A phases cross the
simulation boundaries are shown as black “caps”. Blend
morphologies ranging from dispersed to bicontinuous
are shown. A system of 30:70 composition is depicted
in Figure la, which clearly shows the dispersed mor-
phology. The minority phase is isolated and dispersed
as droplets within a matrix of the majority phase. Figure
1b depicts a system of 40:60 composition in which the
A phase consists of a network of connecting domains
that span the system. This represents a bicontinuous
structure as both phases percolate. A system of 50:50
composition is shown in Figure lc where again the
domains are bicontinuous, but in this case the size of
the A and B domains are equivalent.
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Figure 1. Structural output from the CH model showing
typical late stage morphologies. The composition is (a) 30:70,
(b) 40:60, and (c) 50:50 and depicts a variation from a dispersed
to a bicontinuous structure.

The interfacial area can be calculated using the
broken bond method and is inversely proportional to the
domain size. The total interfacial area is defined as A
= N, + N, + N, where N; is the number of broken bonds
(pairs of nearest-neighbor sites with opposite signs of
W) in the ith direction. Figure 2 shows the total
interfacial area as a function of time (during the domain
growth period of the simulations) for systems of 30:70,
40:60, and 50:50 composition. Data are averaged over
20 independent runs. The interfacial area of the bicon-
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Figure 2. Interfacial area as a function of time for different
polymer blend compositions. Data are presented during the
domain growth regime and are averaged over 20 independent
runs.

tinuous system of 50:50 composition is found to be
roughly 25% greater than that of the dispersed system.

We can now take these morphologies and feed them
directly into a LSM simulation. By assigning a different
stiffness to each of the domains, the complex elastic
deformation fields associated with these polymeric
systems can be examined. Furthermore, the fracturing
of the polymeric material at regions of large elastic
deformation can also be investigated.

3.2. Mechanical Properties: Deformation and
Fracture. Using the dynamic LSM, we deform the
above systems through the application of a strain, at
the system boundaries, along the x-direction. The strain
is gradually increased at a constant rate. (Our strain
rate in dimensionless units is taken to be & = 1.56 x
1074; this corresponds to a high strain rate that is <104
s~1in real units.¢) We initially consider the elastic fields
of the various polymer systems after the systems have
been extended up to a global strain of approximately
3%. The spring constant of the pure B phase, Kg, is
taken to be 10 times stiffer than Kj, the spring constant
of the pure A phase; thus, the Young’s modulus of the
B polymer is 10 times greater than that of the A
polymer. (This represents a relatively large elastic
disparity for polymeric systems, such as the difference
between low-density polyethylene and nylon-66.40) The
interfacial regions are assigned intermediate spring
constants through a simple linear rule of mixture. This
disparity in elastic moduli results in complex elastic
fields throughout the deformed systems. We show the
elastic fields in Figures 3—5 as orthogonal contour plots
that slice through the 3D systems. The interfaces
between A-rich and B-rich phases (¥ = 0) are marked
with single black contour lines, which are superimposed
over the elastic field contours.

Figure 3 depicts the normal stress fields (0., where
0;j is the stress tensor) for AB blends with the following
compositions: (a) 70:30, (b) 50:50, and (c) 30:70. This
means that we consider systems that range from the
stiffer phase being dispersed as droplets in a more
compliant matrix, through a bicontinuous system, to the
softer phase being dispersed in a stiff matrix. The
maximum stress in Figure 3 is ~0.5 in dimensionless
units; if we compare the corresponding dimensionless
Young’s moduli to the typical order of magnitude that
characterizes the Young’s moduli for polymeric materi-
als,%0 this value is equivalent to a stress of ~50 MPa.36
Figure 3a shows the stress field in a system where the
minority phase is stiffer than the matrix, and therefore,
there are stress concentrations in the minority phases.
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Figure 3. Normal stress fields for systems of (a) 70:30, (b)
50:50, and (c¢) 30:70 compositions. The stress fields are
presented as orthogonal contour plots dissecting the simulation
domain. The stiffer polymer phase possesses a Young’s modu-
lus 10 times greater than that of the softer polymer phase.

These stress concentrations extend from the minority
stiff phases, through the poles of the droplets (along the
direction of the applied strain),*! and into the soft matrix
along the x-direction. Figure 3b depicts the stress field
for a bicontinuous (50:50 composition) system. Again,
the stress is predominantly concentrated in the stiffer
phases. The overall stress in the system is increased
because the same strain is applied as before, but now
it is applied to a stiffer sample. Figure 3c shows the
normal stress field for the system where the minority
phase is soft and the majority matrix phase is stiffer.
The higher stresses are again in the stiffer majority
phase, and the softer minority phase sustains signifi-
cantly lower stresses. The regions of lower stress in the
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Figure 4. Normal strain fields for systems of (a) 70:30, (b)
50:50, and (¢) 30:70 compositions. The strain fields are
presented as orthogonal contour plots dissecting the simulation
domain. The stiffer polymer phase possesses a Young’s modu-
lus 10 times greater than that of the softer polymer phase.

softer minority phase extend into the stiff matrix at the
poles of the droplets, especially when droplets are close
together such that clustering effects occur. Furthermore,
the largest stress concentrations in the majority phase
are in regions near the interfaces with the minority soft
phases in the equatorial plane (perpendicular to the
direction of applied strain?!). These stress concentra-
tions are also subject to clustering effects and are
especially high where droplets of the softer phase are
close to each other, such that the regions of stress
concentrations overlap.

In addition to calculating the stress fields, we can also
obtain the normal strain fields (u.., where u;; is the
strain tensor). These are shown in Figure 4 for the
following compositions: (a) 70:30, (b) 50:50, and (c) 30:
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Figure 5. Elastic energy fields (x1073) for systems of (a) 70:
30, (b) 50:50, and (c) 30:70 compositions. The elastic energy
fields are presented as orthogonal contour plots dissecting the
simulation domain. The stiffer polymer phase possesses a
Young’s modulus 10 times greater than that of the softer
polymer phase.

70. Figure 4a shows the normal strain field in the
system where the minority stiffer phase is dispersed in
the majority softer phase. The stiffer droplets inhibit
the deformation of the surrounding softer matrix in the
equatorial plane (perpendicular to the direction of
applied strain) but induce strain concentrations at the
poles of the droplets (along the direction of applied
strain). These strain concentrations are greatest when
particles are within close proximity, such that the
regions of high strain overlap. Figure 4b shows the
normal strain field for the bicontinuous system (50:50
composition). The strain is generally greatest in the
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more compliant polymer phase, especially in regions
where the domain structure is elongated in a direction
perpendicular to the direction of applied deformation.
Figure 4c shows the normal strain field in a system of
30:70 composition in which the minority soft phase is
dispersed within the stiffer majority phase. Again, the
regions of greatest strain are almost exclusively within
the softer polymer phase. Strain concentrations in the
stiffer matrix phase occur near the equatorial plane of
the dispersed droplets, while regions of relatively low
strain lie at the poles of the droplets.

The utility of the above images can clearly be seen
by comparing parts a and c of Figure 3 as well as parts
a and c of Figure 4. The comparison allows one to readily
visualize the extent to which the local mechanical
response is affected by altering the relative ratio of the
stiffer and softer components.

In the ensuing simulations, we utilize an energy-
based fracture criterion. Therefore, it is useful to
elucidate the regions of high energy in these systems.
The elastic energy is obtained from eq 7 and is equiva-
lent to H = Y5u;0,5, which couples both the strain, u;,
and the stress, 0y, tensors. Figure 5 shows this elastic
energy for systems with the following compositions: (a)
70:30, (b) 50:50, and (c¢) 30:70. The maximum elastic
energy in Figure 5 is ~15 x 1072 in dimensionless units;
if we compare our dimensionless Young’s moduli to
typical values of Young’s moduli for a range of poly-
mers,* this corresponds to an energy density of ~1500
kJ m~3.36 By referring back to Figures 3 and 4, we can
obtain a greater understanding of the images in Figure
5 and comprehend the relative contributions of the
stress and strain fields to the elastic energy. Figure 5a
depicts the elastic energy field for a system where a
minority stiff phase is dispersed in a softer matrix. The
regions of high elastic energy are in the softer matrix
at the poles of the droplets. The highest elastic energy
is localized in regions between droplets that are aligned
in the direction of applied deformation and where the
strain concentrations about these droplets overlap (as
can be seen in Figure 4a). It is in these regions where
fracture might be expected to occur. Figure 5b shows
the elastic energy field for the bicontinuous (50:50
composition) system. The regions of greatest elastic
energy are in the stiffer phases; the softer phase
essentially stretches the stiffer phases, especially in
regions where the domain structures are oriented in the
direction of applied deformation. It is in these regions,
where the structure carries the most stress (see Figure
3b), that fracture might be expected to initiate in the
50:50 bicontinuous systems. The elastic energy field in
a system in which the minority soft phase is dispersed
in a matrix of majority stiffer material (30:70 composi-
tion) is shown in Figure 5c. The total energy absorbed
in this system, after the application of a given global
deformation, is noticeably higher than in the 70:30
system as it requires more energy to deform a stiffer
system than it does to deform a softer system to the
same level of deformation. In Figure 5c, the higher
energy fields are generally found in the stiffer matrix
phase in the equatorial plane about the droplets, as
these easily deformable droplets are less capable of
supporting the stress fields (see Figure 3c). The above
deformation fields provide insight into where cracks are
likely to initiate in these highly heterogeneous systems
and also reveal why those regions are more vulnerable
than others.
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Figure 6. Stress—strain plots for systems of different com-
positions ranging from systems containing soft dispersed
droplets in a stiff matrix, through bicontinuous systems, to
systems containing stiff dispersed droplets in a soft matrix.
The toughness of the stiffer phase is taken to be 50% that of
the softer phase.

Having established the elastic fields and the elastic
energy distribution in the material, we now apply our
fracture criteria to the different samples to characterize
fracture in these systems. The resultant stress—strain
curves are shown in Figure 6, and the data are averaged
over five independent runs. In the following discussion,
when we refer to the toughness of a phase, we are using
these terms in the context of eq 12 and the lower bound
toughness parameter. For example, the B phase is
considered to be 50% tougher than the A phase when
wp for the B phase (eq 12) is set to half the value of wa
for the A phase. For the A phase, we set wa = 0.1, and
thus, for the B phase, we have wg = 0.05. The fracture
criteria in the interfacial regions is initially set to an
intermediate value of w; = 0.075. The modulus in eq
12, f5, is assigned the value of two, yielding a nonlinear
response to the deformation of the system. The maxi-
mum in these stress—strain curves corresponds to the
maximum stress that the system can sustain before the
occurrence of catastrophic failure (the formation of one
dominant crack). Surprisingly, the bicontinuous struc-
tures are neither relatively strong (maximum stress) nor
tough (area under the curve). This is presumably due
to the greater interfacial area in these blends, and
therefore, a greater number of regions where significant
elastic disparity occurs. It is at these regions where
elastic field concentrations are found, and therefore, an
elevated probability of failure is likely.

To isolate factors that influence the propagation of
cracks in the material, we examine the effects of varying
the difference in elastic moduli as well as the relative
weakness of the stiffer phase. In particular, the stiffness
of the B phase is considered to be either 2.5, 5, or 10
times greater than the A phase (where stiffness is set
by the value of K;, the corresponding spring constant),
and the toughness of the B phase is considered to be a
half or a quarter of the toughness of the A phase (wg =
50% wa or ws = 25% wa). Figures 7—9 show the number
of broken bonds in the A phase (solid line), B phase
(dashed line), and interfacial regions (dotted line) as a
function of time; the data are averaged over five
independent runs. For each composition, we consider
six distinct systems, which correspond to the various
stiffnesses and weaknesses of the B polymer relative to
the A polymer. Figure 7 shows the results for the 70:30
composition. For the cases where the toughness of the
B phase is 50% that of the A phase (ws = 50% wa), the
system fractures predominantly in the A phase, and this
becomes more pronounced as the elastic disparity
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Figure 8. Number of broken bonds (x103) as a function of
time for systems of 50:50 composition. Broken A bonds (solid
lines), B bonds (dashed lines), and interfacial bonds (dotted)
are presented for systems where the stiffness of the B polymer
is 2.5, 5, and 10 times that the A polymer and the toughness
of the B polymer is 50% and 25% that of the A polymer.

between the two phases is increased. However, for the
cases where the B polymer is weakened even further
(wp = 25% wy), the weaker B phase is where fracture
is initiated and predominantly propagates. Thus, even
though the B phase is the minority phase, the most
pronounced variation observed in this system is due to
decreasing the toughness of this B component.
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Figure 9. Number of broken bonds (x10?%) as a function of
time for systems of 30:70 composition. Broken A bonds (solid
lines), B bonds (dashed lines), and interfacial bonds (dotted)
are presented for systems where the stiffness of the B polymer
is 2.5, 5, and 10 times that the A polymer and the toughness
of the B polymer is 50% and 25% that of the A polymer.

Figure 8 shows the regions of damage accumulation
for the bicontinuous systems of 50:50 composition. In
all of the bicontinuous cases considered here, fracture
is initiated in the stiffer B phase. For systems where
the toughness of the B polymer is quarter of that of the
A polymer (wp = 25% wa), the B phase fractures almost
exclusively throughout the simulations. For the cases
where the toughness of the B polymer is only half that
of the A phase, fracture is still initiated in the B phase
and occurs more in the B phase than in the A phase;
however, now there is also significant damage in the A
phase. Furthermore, as the disparity in the elastic
moduli between the A and B phases is increased, there
is a transition from the most damaged regions being in
the B phase to the most damage being sustained in the
A phase. Thus, in these systems, altering the modulus
of the stiffer B phase has a dramatic effect on the
fracture characteristics.

The damage accumulated in the systems of 30:70
composition is shown in Figure 9. The fracture in these
systems is predominantly in the weaker B phase, and
this observation is independent of the differences in
either the elastic moduli or weakness for the systems
considered here. For all the compositions considered, the
time at which fracture occurred was earlier in the
systems where the disparity in the elastic moduli was
greater and hence the applied strain was lower (all
systems where deformed under the same constant strain
rate). This would imply that the local regions of elastic
mismatch, and the large stress and strain concentra-
tions that are produced by this mismatch, are primarily
responsible for the initiation of fracture in these het-
erogeneous systems.

Another important characteristic that we can obtain
from these calculations is the relative location of the
onset of fracture in the different blends. We concentrate
on the systems where Kg = 10K,, and the toughness of
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Figure 10. Graphical representation of a typical region of
incipient fracture for a system where the stiffness of the B
polymer is 10 times that of the A polymer and the toughness
of the B polymer is 50% that of the A polymer. Systems of (a)
70:30, (b) 50:50, and (c) 30:70 composition are presented.
Deformation is applied in the x-direction.

this stiffer B phase is half that of the A phase. A
representative example of the initiation of fracture in
a system of 70:30 composition is shown in Figure 10a.
The boundary between the A and B polymers is shown
as a red surface; black surfaces represent regions where
the minority B phase crosses the system boundaries.
The fracture surface is shown in gray, and only a small
portion of the simulation is shown for clarity. A micro-
crack has appeared in between two droplets of stiff B
polymer. The elastic energy fields in Figure 5a depict
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regions between stiff droplets that are aligned in the
tensile direction (x-direction) and indicate concentra-
tions of high elastic energy at these sites. Concentra-
tions arising from such clustering effects result in the
initiation of a crack, which then propagates in the plane
perpendicular to the tensile direction. It should be noted,
however, that the systems where the B polymer is even
weaker (wp = 25% wya) result in fracture initiating in
the brittle droplets (see Figure 7).

Figure 10b shows the initiation of fracture in a
bicontinuous system of 50:50 composition. The elastic
fields presented above indicate that the stiffer phase
carries almost all of the stress in the system and that
this results in regions of high energy in the stiffer phase,
especially when the domains are oriented in the direc-
tion of applied strain. It is in such a region that fracture
of the stiff B polymer occurs. The continuous domain of
stiff B polymer that is aligned in the tensile direction
has been severed. The fracture can then spread out in
the plane perpendicular to the tensile direction, through
the softer A polymer.

The initiation of fracture in a 30:70 system where the
softer A phase is dispersed in the stiff B phase matrix
is shown in Figure 10c. As the A phase is more
compliant, elastic energy concentrations occur about the
droplets in the equatorial plane (see Figure 5¢). Here,
we again show a situation where clustering effects are
important since the fracture is initiated in the equato-
rial plane about two droplets. The fracture extends in
the equatorial plane, perpendicular to the tensile direc-
tion, around the softer phase material. This system is
similar to rubber-toughened polymers where a rubber
phase is incorporated into a brittle matrix, and the
isolated rubber droplets promote deformation in the
matrix by providing a large number of stress concentra-
tion sites.*?

Immiscible polymer blends typically possess weak
interfaces, which are susceptible to fracture. Therefore,
we consider systems where instead of assuming the
characteristics of the interface to be the average of the
A and B polymer parameters (“unweakened” interfacial
toughness, denoted by w?), we make the toughness of
the interface either half (w; = 50% w?) or a quarter (wrg
= 25% w)) of this unweakened interfacial toughness.
Figure 11 shows the damage accumulation in A poly-
mer, B polymer, and interfacial regions for different
polymer blend compositions and for different interfacial
toughnesses. Making the toughness of the interface 50%
less results in systems that are not too dissimilar to
those where the interface is unweakened. There is more
fracture in the interfacial region, but fracture still
predominantly occurs in the bulk regions. In the cases
where the toughness of the interface is a quarter of the
unweakened interfacial toughness, however, fracture
initially occurs at the interfacial regions and continues
to be more prevalent along these weak interfaces.

In Figure 12, we consider a local region in which
fracture occurs in systems with weak interfaces for the
30:70 and 70:30 mixtures. For the case where the stiff
droplets are dispersed in the compliant matrix, the
energy concentrations are shown in Figure 5a and are
at the poles of the droplets in the tensile direction. In
the case where the interface was not weakened, these
energy concentrations resulted in the failure of the soft
matrix. For the case where the toughness of the
interface is a quarter of the unweakened interfacial
toughness, fracture is initiated at the interface at the
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Figure 11. Number of broken bonds (x10°%) as a function of
time for systems with weak interfaces. Broken A bonds (solid
lines), B bonds (dashed lines), and interfacial bonds (dotted)
are presented for systems where the composition of the
polymers varies from 30:70, through 50:50, to 70:30 and where
the toughness of the interface is either 50% or 25% that of
the unweakened interface.

pole of the particle (Figure 12a). The droplet then
decoheres from the surrounding matrix; this has been
observed experimentally in polymer blends*? and is not
too disimiliar to the initaion of fracture around glass
bead filled polystyrene.** Similar to the unweakened
interfacial system, clustering effects seem to play a
major role. The side of the droplet that decoheres first
is the side facing another droplet, which is in close
proximity along the tensile direction. This neighboring
elastic interaction results in larger elastic energy con-
centrations and hence a greater probability of interfacial
decohesion.

For the case where the soft polymer is dispersed in
the stiff polymer matrix (30:70), and the toughness of
the interface is a quarter of the unweakened interfacial
toughness, the regions at which fracture occurs are
depicted in Figure 12b. The soft phase is unable to
sustain the same stress as the stiff matrix, and there-
fore, stress and elastic energy concentrations are found
in the equatorial plane about the droplets (see Figure
5¢). Figure 12b shows the initiation of fracture in the
equatorial plane (perpendicular to the direction of
applied strain) at the interface of the droplet. Once
sufficient damage has been accumulated at the inter-
face, the fracture spreads out through the stiff matrix
as shown by the increase in broken B polymer bonds in
Figure 11 for the same system. Local regions of fracture
initiation in the systems of 50:50 composition where
found to be similar to that of the 30:70 composition.

Figure 13 shows the stress and strain curves for
systems with either unweakened interfaces or interfaces
where the toughness is either half or a quarter of this
unweakened interfacial toughness. In all systems con-
sidered here, failure occurs earlier in the systems with
weaker interfaces. Because of the greater interfacial
area in the bicontinuous systems, we would expect these
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a

Figure 12. Graphical representation of a typical region of
incipient fracture for a system where the stiffness of the B
polymer is 10 times that of the A polymer, the toughness of
the B polymer is 50% that of the A polymer, and the toughness
of the interface is 25% that of the unweakened interface.
Systems of (a) 70:30 and (b) 30:70 composition are presented.
Deformation is applied in the x-direction.
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Figure 13. Stress—strain plots for systems of different
compositions ranging from systems containing soft dispersed
droplets in a stiff matrix, through bicontinuous systems, to
systems containing stiff dispersed droplets in a soft matrix.
The toughness of the stiffer phase is taken to be 50% that of
the softer phase. Unweakened interfaces (averaged from the
A polymer and B polymer toughnesses) and weakened inter-
faces (whose toughnesses are 50% and 25% that of the
unweakened interfaces) are considered.

systems to perform poorly, relative to the dispersed
systems, as the interface is made weaker. However, the
50:50 system appears to perform worse, in terms of both
strength (maximum stress) and toughness (area under
the curves), regardless of interfacial weakness. There-
fore, the regions of elastic field concentrations, which
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are more common in bicontinuous systems of greater
interfacial area, play a dominant role in the fracture of
polymer blends.

3.3. Comparisons with Experiment. Blending a
minority compliant polymer phase with a majority stiff
polymer phase offers an attractive route to increasing
the ductility and toughness of the brittle polymer
without necessarily sacrificing its rigidity and strength.*2
Because rubber has excellent elasticity and toughness,
stiff polymers are often toughened through the inclusion
of rubber particulates. It should be noted, however, that
the stress concentrations surrounding a compliant
minority phase particle are similar to the stress con-
centrations surrounding a void,* and the toughening
mechanisms are similar.46 Merz*? originally proposed
the idea that such systems fail through the creation of
many microcracks, rather than a single dominating
crack, therefore, requiring more elastic energy and
resulting in an increase in toughness. Regions of high
stress concentration and incipient crack propagation can
in fact be ascertained around the compliant domains in
Figure 10c and, in further agreement with experimental
studies, occur in the equatorial plane of these re-
gions. 4248

Bicontinuous blends possess stiffnesses in between
the stiffness of both the constituent polymer phases.49-11
However, the strength and toughness of a bicontinuous
blend do not follow this trend and exhibit a minimum
in a system of 50:50 compositions.*? This is considered
to be due to the weak interfacial adhesion between the
polymers*?50 and is also observed in the bicontinuous
systems considered here (see Figure 13). Furthermore,
our results show that the bicontinuous systems perform
worse than the dispersed systems regardless of the
interfacial adhesion as such systems have more regions
of local elastic mismatch and, hence, an increase in the
number of stress and strain concentrations.

Dispersing a brittle polymer into a compliant polymer
generally results in a composite material with increased
stiffness and impact strength relative to the compliant
matrix material.#? However, these composite systems
also exhibit a reduction in toughness upon the disper-
sion of the rigid phase. The composite generally fails
through interface decohesion,*3 and the mechanism is
similar to the failure of polymers reinforced with glass
beads. Dekkers and Heikens*452 found that in the case
of a poorly adhering sphere decohesion occurs at the
poles and continues along the phase boundary. This
creates a cap-shaped cavity similar to that seen in
Figure 12a. However, in the case of excellent interfacial
adhesion, the crazes form near the poles of the glass
beads in regions of stress concentration. Qualitatively
similar phenomena can also be seen in our systems in
Figure 10a, where fracture has occurred near the poles
of the dispersed phase in regions of stress concentration.

4. Summary and Conclusions

We investigated the phase separation of binary poly-
mer blends and obtained heterogeneous microstructures
where either droplets of one polymer are dispersed in a
matrix of the other polymer or both polymers are
intertwined in a bicontinuous morphology. We could
then consider the deformation and fracture of these
specific systems, having to make no assumptions about
the mesoscale structure of the mixtures. We focused on
the case where one polymer component is both stiffer
and weaker than the other.
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We determined the local deformation fields in these
heterogeneous systems and isolated regions of local
elastic field concentrations. We could then compare the
locations of fracture initiation and these local deforma-
tion fields. For the case of a stiff polymer phase
dispersed in a soft polymer matrix, we find that stress
and strain concentrations at the poles of the droplets
lead to crack initiation in the soft matrix. Incipient
fracture in the bicontinuous systems occurs in the stiffer
phase, in regions where the domain structure is oriented
parallel to the tensile direction. When a soft polymer is
dispersed in a stiff polymer, fracture is observed to
nucleate in the stiff matrix at the equatorial plane of
the droplets.

Immiscible polymer blends generally possess weak
interfaces, and therefore, we considered the effects of
this weak region on the location and nature of material
failure. In the case of substantial interfacial weakening,
we find that fracture is initiated at the interfacial
regions. In particular, the systems that contain isolated
droplets of a stiff polymer in a soft polymer matrix failed
through interfacial decohesion, where the droplets
separate from the surrounding system. The systems
that contain soft polymer droplets dispersed in a stiff
polymer matrix also initially failed at the interfacial
regions but in the equatorial plane where progressive
fracture propagates through either the soft droplets or
into the surrounding stiff polymer matrix.

For all the systems we considered here, regions of
incipient fracture are associated with elastic field
concentrations due, in part, to clustering effects. For
example, in the case of a dispersed stiff polymer phase
being weakly bonded to the surrounding soft polymer
matrix, fracture is initiated via interfacial decohesion.
This debonding is found to occur at the pole of a droplet.
However, this occurs predominantly at a droplet pole
that is facing, and in close proximity to, another droplet.
This is consistent with experimental studies where
fracture toughness is known to depend on surface—
surface interparticle spacings.*3

The work presented here offers a computationally
efficient method of simulating the deformation and
fracture of heterogeneous systems. However, the current
study was limited to linear elastic, perfectly brittle
constituents. It should be noted that plastic deformation
has been included in the LSM by decreasing the elastic
moduli locally while maintaining stress continuity.”
Studies involving such plastic deformation have yielded
the required differential response of the stress—strain
curve in an isotropic manner, but the deformation was
not volume conserving (the Poisson’s ratio was still
limited to an upper bound of 1/4). The LSM has also
been modified to incorporate a viscoelastic response;’
here, the system was assumed to consist of a Kelvin unit
in series with an elastic unit. The LSM can, therefore,
accurately capture the nonlinear deformation of poly-
meric materials but is in general limited to a Poisson’s
ratio of 1/4. This limitation is a consequence of the
connectivity of the bonds; here, only pairwise harmonic
interactions are considered, and the resultant elastic
constants, therefore, satisfy the Cauchy relations.53
Attempts to rectify this problem in classic molecular
dynamics led to many-body potentials being considered,
such as a volume-dependent term®* or the embedded
atom method.?®% Recently, Gusev®” has mapped a
variant of the LSM onto the finite element method,
which does not possess the same upper bound for the
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Poisson’s ratio and opens up the possibility of incorpo-
rating nonlinearity and anisotropy (and, therefore, the
possibility of explicitly incorporating “crazed” ele-
ments?4). The work presented here, however, does not
include such nonlinear deformation mechanisms and,
as mentioned, is limited to a Poisson’s ratio of 1/4. The
current study does not, therefore, account for global
ductility or the production of local shear bands. Also,
the Poisson’s ratio in polymeric materials is typically
between 1/3 and 1/2, as opposed to 1/4 in the systems
considered here. However, stress and strain concentra-
tions are more likely to occur as a consequence of the
local mismatch in Young’s modulus and not the local
variations in Poisson’s ratio. Therefore, the regions of
high deformation and incipient fracture in our simula-
tions are representative of real polymer systems, and
the results presented here appear to be in qualitative
agreement with experimental observations (see section
3.3).

In conclusion, we show that computer simulations can
provide an efficient method for studying the deformation
and fracture of complex heterogeneous materials, such
as polymer blends, and enable us to visualize the
complex elastic fields and regions of incipient fracture.
These studies, therefore, provide additional insight into
the initiation and propagation of fracture and can be
instrumental in the understanding and design of novel
structural materials.
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